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Abstract 
This dissertation is composed of two parts. The first part focuses on the 
mechanical behavior study on pipelines steels. More specifically, the effect of hydrogen 
on the deformation behavior of the crack tip of an X52 pipeline steel specimen, and the 
overload effects on the fatigue crack growth of an x70 pipeline weld metal are discussed. 
For the second part of the dissertation, fatigue behavior of an Al0.1CoCrFeNi high-
entropy alloy (HEA) is studied, and the influence of heat treatment is discussed. 
The objectives of the first part of this proposed work are to (1) detect the 
influence of hydrogen on the crack-tip deformation of compact-tension (CT) pipeline 
steel specimens; (2) understand effects of residual stress and plastic zone during crack 
growth, and obtain a comprehensive understanding of overload effects on the fatigue 
crack growth of the pipeline steels. 
In order to address those objectives, fatigue-crack-growth experiments have been 
performed to precrack the pipeline steel samples. In-situ neutron experiments were 
performed on both as-received and hydrogen-charged samples to detect the influence of 
hydrogen. In-situ synchrotron experiments have been performed to characterize the 
strain/stress field evolution during loading-unloading and the plastic-zone evolution 
during deformation. An overload has been applied during the synchrotron measurements 
and the overload effects on the strain/stress field around the crack tip have been 
investigated.  
The objectives of the second part of this proposed work are to (1) investigate the 
fatigue behavior of the Al0.1CoCrFeNi HEA (2) study the influence of heat treatment on 
the fatigue behavior of the Al0.1CoCrFeNi HEA. 
To address these objectives, tension-tension fatigue tests have been performed on 
as-Hiped and heat-treated samples. Failed samples were characterized by OM, SEM, 
EBSD, and TEM to identify deformation mechanisms and the influence of heat treatment.   
In conclusion, with the completion of the two parts of study, we now have a better 
understanding of fatigue and fracture mechanisms of both pipeline steels and HEAs, 
which can provide insights into the future design of steel pipelines, as well as the possible 
engineering applications for the HEAs. 
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Chapter 1 Introduction 
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1.1 Pipeline Steels  
1.1.1 Motivation and Objectives 
In the United States (U.S.), the primary way to transport natural gas and the 
majority of hazardous liquids is through the pipeline infrastructure. Transmission 
pipelines are the most economical and efficient way to transport a large amount of natural 
gas, hydrogen, or hazardous liquids. With the increase in the energy consumption, the 
importance of pipeline systems increases. So far the system is relatively safe in U.S. 
Failures only occur once a year per thousand miles of pipelines [1]. However, it is noted 
that when failures do occur, they could result in severe environmental and safety issues. 
Thus, pipelines, especially those in high-consequence areas, where the pipe failure 
incidents may cause death, injury, or significant property and environment damage, need 
to be maintained well and operated safely [2].  
Protecting people and environments from the transportation of gases and other 
hazardous materials is the mission of PHMSA. It is also the starting point of our research. 
Currently, most pipelines are made of steels. In the case of steel pipelines, during gas 
transportation, the pressure fluctuation (the daily rise and fall of the gas pressure to 
balance the supply and demands), and the heating and cooling cycles of the piping system, 
combined with the change of other external forces, will create a fatigue process for 
pipeline steels. Over time, the cumulative effect of fatigue might lead to failure of the 
pipe. Therefore, the fatigue behavior of pipeline steels needs to be understood since once 
the early cracks are formed, the fatigue-crack growth rate (FCGR) per cycle would be 
accelerated because of the corrosive environment [3-8].  In terms of the influence of 
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hydrogen, pipeline steels can become embrittled by hydrogen, causing the reduction of 
ductility, strength, and fatigue life [9, 10]. Moreover, since welding is extensively used 
during the construction of steel pipelines, and the intense welding thermal cycles create a 
local region where the microstructure and associated mechanical properties are highly 
inhomogeneous and different from that of the base steel. In addition, high tensile residual 
stresses (up to the yield stress) might be produced during the manufacture of the pipelines, 
especially welding [11, 12]. The presence of residual stresses may lead to the premature 
failure by fatigue, fracture, stress corrosion cracking (SCC), or other undesirable 
deformation. Thus, a better understanding of the mechanical behavior of the weld region, 
the effects of hydrogen, and the influence of residual stress is highly needed, which will 
greatly help ensure the safety of steel pipeline infrastructure.  
The objectives of the proposed research are to (1) Investigate the influence of 
hydrogen on the fatigue behavior of pipeline steels; (2) study deformation mechanisms on 
a micro-scale around the crack tip during fatigue-crack propagation using synchrotron-
diffraction; (3) advance the knowledge relevant to the effects of residual stress on the 
fatigue behavior of pipeline weld; (4) clarify the overload effect on the fatigue behavior 
of pipeline steel by synchrotron-diffraction. 
The results of the present research will provide the critically-needed knowledge 
and data to ensure the safety and long-term reliability of the pipeline infrastructure, which 
is greatly relevant to the Pipeline and Hazardous Materials Safety Administration 
(PHMSA)’s mission of the safety and environmental protection. 
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1.1.2 Framework 
In order to study the effects of hydrogen on the deformation behavior of pipeline 
steels, we have conducted in-situ neutron experiments to map the lattice parameter 
around the crack tip of CT specimen during loading-unloading, for both as-received and 
hydrogen-charged samples.  
To understand the overload effect on the fatigue-crack-growth behavior of 
pipeline steels, we have performed residual stress-mapping and plastic-zone mapping 
experiments at the Advanced Phonon Source (APS), Argonne National Laboratory 
(ANL).  
 We have investigated the relationship between the lattice-strain evolution and 
deformation mechanisms. By conducting the present research, much needed data and 
knowledge have been generated to help reduce the risk of high-pressure gas 
transportation, thus improving the long-term safety and reliability of the pipeline-
transmission infrastructure, which is highly related to the PHMSA’s mission of 
environmental and safety protection. 
1.2 High-Entropy Alloys (HEAs) 
1.2.1 Motivation and Objectives 
HEAs, generally defined as solid-solution alloys that contain equal to or more 
than five principal elements in equal or near-equal atomic percent (at.%) [13, 14], are 
now very popular, since it has so many variables and possibilities to make great materials. 
Because of the unique structure, HEAs show a wide range of strength and hardness, with 
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high thermal stability, good resistances to wear, fatigue, corrosion, and fracture resistance 
[15-19]. Disordered solid-solution phases are usually formed, with FCC, body-centered 
cubic (BCC), or hexagonal close-packed (HCP) structures [14, 20, 21]. Because of their 
unique compositions, microstructures, and adjustable properties [3, 14, 22-26], HEAs has 
attracted growing attentions, since it introduces a new way of developing advanced 
materials with special properties [13, 14, 27]. To study and microstructure and 
mechanical behavior of this alloy will greatly help us better understand this alloy system.  
The objectives of the proposed research are to (1) study the fatigue-fracture 
mechanisms of the as-Hiped and heat-treated Al0.1CoCrFeNi HEA; and (2) explore the 
influence of heat treatments.  
1.2.2 Framework 
The Al0.1CoCrFeNi (molar fraction) HEA has been fabricated as a single FCC 
phase. For the study on the Al0.1CoCrFeNi HEA, we will focus on two parts: (1) Tension-
tension fatigue experiments to generate the stress versus cycles to failure (S-N) curve for 
this HEA; (4) heat treatments to improve the fatigue property of this HEA. 
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Chapter 2 Background 
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2.1 Pipeline Steels 
2.1.1 Types of Pipelines 
Pipelines can be used to transport gas, oil, and water. They can be classified into 
three groups depending on the purpose [28]: 
Gathering pipelines are used to bring crude oil or natural gas from wells to a 
treatment plant or facility.  
Transportation pipelines are mainly long pipes with large diameters, and they are 
used to move oil, gas, and other refined products between cities, countries, and even 
continents.  
Distribution pipelines are used to transport the products to the final consumer. For 
example, gas is distributed by them to homes and businesses branches. 
There are pipelines made of metals, plastics, or composites. Due to economic and 
environmental issues, the majority of transportation pipelines are steel pipelines.  There 
are three regions in the steel pipelines: base, HAZ, and weld metals. Due to (1) the 
corrosive underground environment that it might be served in and (2) pressure 
fluctuations inside the pipe, we will study the fatigue-crack-growth behavior of the 
pipeline steel and the influence of hydrogen and residual stresses. Moreover, 
microstructures and mechanical heterogeneity will be characterized. 
2.1.2 Fatigue-Crack-Growth Behavior of Pipeline Steels 
The fatigue-crack growth behavior of materials is divided into three stages: stage I 
(crack initiation), stage II (crack propagation), and stage III (final fracture), as presented 
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in Figure 1 (three regions refers to the three stages) [29, 30]. The stress-intensity factor 
(K) is obtained by the following equation [31]: 
 
  
 (   )
 √ (   )  ⁄
(                                 ) (1) 
where P is the applied load, α = a/W, a is the crack length, W is the specimen width, and 
B is the specimen thickness. 
The stress-intensity-factor range (△K) is defined as follows,  
                 (2) 
where Kmax is the maximum stress intensity factor per cycle, Kmin is the minimum stress 
intensity factor per cycle. In region 1, △K is very low, and the crack propagates slowly. 
When △K continues to increase and goes over a threshold value (△Kth), it will be in 
region 2 where the crack-growth rate increases significantly. A typical relationship can be 
drawn between the FCGR and △K in this region, which is referred to as the Paris Law 
[32]:   
   
  
  (  )  (3) 
where 
𝑑 
𝑑𝑁
 is the change in crack length per cycle, A and m are material constants. As △K 
continues to increase to high levels (there is a critical value KIC), the Paris Law will no 
longer be applied, and the FCGR becomes rapid and unstable, which is region 3.  
These three stages are of vital significance in the determination of the materials’ 
fatigue life. When a structural component is subjected to cyclic loading, in order to assess 
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the structural reliability, or even predict the crack-growth life, the information on fatigue-
crack-growth rates is irreplaceable [33, 34]. 
The rates of crack propagation are very sensitive to the stress-intensity-factor 
range (∆K) [9, 35-37]. Depending on the combination of the loading condition and crack 
(or defect) size, the stress-intensity-factor range in a structural component can vary from 
the near-threshold to the high stress-intensity-factor ranges. Thus, for structural-reliability 
analyses, it is imperative to develop crack-propagation-rate properties in the stress-
intensity ranges of interest.   Moreover, the fatigue-crack-growth behavior is sensitive to 
load or R ratio (R = Pmin./Pmax. where Pmin. is the minimum applied load, and Pmax. is the 
maximum applied load) and test environment [8, 9, 38].   It is, therefore, necessary to 
obtain the rates of crack propagation in the intended service conditions for reliability 
analyses. In the present work, the fatigue-crack-propagation behavior of pipeline steels 
with different microstructures will be emphasized and studied. 
2.1.3 Hydrogen Effects on the Fatigue-Crack-Growth Behavior  
The change in the mechanical behavior of pipeline steels is due to the response of 
the material to hydrogen [9]. Also, the degradation mechanism is highly influenced by 
the way of exposure, or the type of attack, and sometimes opposite effects might occur 
[39]. Generally speaking, the elastic properties will not be affected much by the presence 
of hydrogen. On the other hand, the ductility, fracture toughness, and fatigue-crack-
growth behavior will be harmed in the atmosphere of hydrogen [9]. As much as 70% 
reduction of fatigue life has been reported in the American Petroleum Institute (API) X52 
steel [40].    
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Though hydrogen embrittlement (HE) has been researched for many years, the 
mechanism is not fully understood. Nor is the mechanism for fatigue-crack-growth 
completely understood. Therefore, the mechanism for fatigue-crack growth under the 
influence of hydrogen is complicated and worth studying [10].  
2.1.3.1  Two Common Mechanisms for HE of Steel under Monotonic Loading 
The mechanism of HE is not fully understood, and there is no agreement on the 
mechanisms for HE of steels under monotonic loading [41-43]. There are two common 
mechanisms that have been proposed. One mechanism contends that the failure in 
hydrogen is due to “hydrogen-enhanced decohesion” (HEDE) [44-46]; the other proposes 
that it is because of “hydrogen-enhanced local plasticity” (HELP) [47-51].  
Both mechanisms are based on the assumption that gas hydrogen will form atomic 
hydrogen and, then, diffuse to the stress region. The HEDE mechanism holds the opinion 
that the cohesive strength in the hydrogen-enriched region will be reduced, which will 
deteriorate the mechanical property of the materials. On the other hand, HELP proposed 
that hydrogen will increase the mobility of the dislocation, resulting in a localized plastic 
instability, which will promote the deformation behavior. Some literature results showed 
that the dislocation mobility was indeed improved by hydrogen by the in-situ 
transmission electron microscopy (TEM) [43], but the results on this issue are mixed [42, 
43, 51]. 
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2.1.3.2  Three Types of Hydrogen-Assisted Fatigue-Crack-Growth (HAFCG) 
As presented in Figure 1, there are three types of possible effects of hydrogen on 
the fatigue-crack-growth of materials [10, 29, 30]. KIH (the monotonic crack-growth 
threshold in hydrogen) is defined as the stress intensity beyond which the subcritical 
crack propagation happens in the material exposed to hydrogen when a static load is 
applied. In their studies [10, 29, 30], it was assumed that KIH values in the dynamic-
loading conditions can represent those in static-loading conditions, and the static KIH 
values can reflect the hydrogen embrittlement (HE) property.  
In type A, KIH = KIC, the material will not be affected by HE under the static-
loading condition. However, when it is tested in the dynamic-loading condition, such as 
cyclic loading, the fatigue-crack-growth rates will be higher than those in the inert or air 
environment, and the △K needed for the initiation of crack-growth is also lower. For type 
B, KIH < Kmax < KIC, the material suffers from static HE, but dynamic loading will not 
make any difference when Kmax < KIH. The fatigue-crack-growth is not influenced by 
hydrogen in that region. In a real on-site situation, many materials will be affected by 
hydrogen in both regions. Thus, we see combined influences as in Type C in Figure 1.  
2.1.3.3  HAFCG Studies 
Cialone and Holbrook conducted a comprehensive study on the tests of pipeline 
steels in hydrogen environment [52]. Figure 6 shows their test results on the comparison 
of fatigue test in 6.9 MPa hydrogen and nitrogen. A load stress ratio [stress ratio (R) is 
the ratio between Pmin. [minimum applied load] and Pmax.[maximum applied load]. R = 
Pmin./Pmax.] of 0.1 was used for this study. It can be seen from the figure that the FCGR of 
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X42 was higher than that of X70 at the same △K level. Moreover, it is clear that when the 
tests were run in a hydrogen atmosphere, the propagation rates increased tremendously. 
Actually, the FCGR can be 150 times faster in hydrogen than in nitrogen for X42. It can 
also be seen from the figure that the difference of FCGRs decreased at lower △K levels.  
Cotrill and King also performed tests on a kind of C-Mn steel in hydrogen and air 
[53]. A stress ratio of 0.1 and a frequency of 0.1 Hz were used in the tests. They found 
that the difference of FCGRs between specimens tested in two environments was not 
much when △K level was low (≈ 22 MPa m0.5).  However, at a higher △K level (≈ 40 
MPa m0.5), the FCGRs in hydrogen were nearly 20 times of those in the air.  
2.1.4 Residual Stress 
2.1.4.1 Origin of Residual Stress and Its Influence 
It is defined that a residual stress is a tensile or compressive stress in the material 
without an applied external force [54]. Residual stresses can be induced by various 
thermal and thermomechanical processes (heat treatment, forging, welding, etc.) [55-60]. 
Residual stresses are divided into three groups, based on their length scales [59]: the 
macro-scale residual stress (Type 1), the micro-scale residual stress (Type 2), and the 
atomic-scale residual stress (Type 3). In the case of pipeline steels, steel-plate bending, 
cooling difference through the thickness and along the surface, and localized plastic 
deformation are typical causes of Type-1 residual stresses; Type-2 residual stresses are 
due to banded structures, regions with different structures (e.g., pearlite vs. ferrite), and 
surface textures; while small phases in micro-alloyed steels and chemical segregations at 
grain boundaries may lead to Type-3 residual stresses. The presence of residual stresses 
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may either raise or decrease the mean stress over a fatigue cycle, thus accelerating or 
delaying the fatigue process, respectively [54].  
The residual stresses have an important influence on the design of gas pipelines 
since they were designed with small safety factors [according to the American Society of 
Mechanical Engineers (ASME) B 31.8 [16], 1.25 is the ratio between the minimum yield 
strength and the operating stress]. The presence of residual stresses may lead to the 
premature failure by fatigue, fracture, stress corrosion cracking (SCC), or other 
undesirable deformation. The mean-stress level might be influenced by the residual stress, 
especially on the surface of the pipe [59, 61]. During the manufacturing process of steel 
pipelines, which involves forging, controlled-temperature rolling, bending, and welding, 
both elastic and plastic deformation processes occur, and, as a result, residual stresses are 
induced [61]. Especially during the welding process, which is extensively used in the 
construction of steel pipelines, high tensile residual stresses (up to the yield stress) might 
be produced [11, 12].  
However, during the construction of gas pipelines, the post-weld heat treatment 
was not applied in most conditions, since it might alter the microstructure, and it is also 
costly and not practical. According to previous studies [11, 12], the residual hoop stresses 
in girth welds might be comparable to the yield strength, especially for pipes that have a 
thin wall. So detailed understanding of the influence of residual stresses on the pipeline 
system will be essential for the operation. 
Weld joints are the primary regions of component cracking in pipeline systems 
[62, 63]. SCC is one of the main causes in welded pipes, and it is highly related to the 
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presence of residual stresses [63]. Crack initiation and growth are both affected by the 
presence of residual stresses and by altering the effective mean stress during dynamic 
loading [58]. Tensile residual stresses will add to applied stress levels, thus leading to 
higher effective stresses, which may cause early fracture at lower loads than expected 
[64]. The crack might initiate after a limited number of cycles. Thus, the crack-initiation 
process generally only occupies a small portion of the fatigue life. So the fatigue life is 
typically and highly dependent on the crack-growth region. Actually, it might cover up to 
90% of the total fatigue life, depending on the loading and materials conditions [65]. 
Finite-element-based models were used to predict the residual-stress profile, but it is very 
hard to be accurate. There are complex thermal and structural interactions, which might 
influence the final location and magnitude of residual stresses, resulting in a great effect 
on the performance of the component [66, 67]. Therefore, the experimental validation of 
the predicted information becomes significantly important.   
2.1.4.2 Residual-Stress Measurements 
The reliable measurement of residual stresses is vital since they have a great 
effect on the integrity, performance, and lifetime of components [55, 56, 68]. Various 
ways can be used to measure residual stresses, either destructive (e.g., hole drilling) or 
nondestructive, and either direct or simulated [69-75].  
Of various ways to detect residual stresses [69-75], neutron diffraction has been 
used due to its capability of nondestructive penetration up to several centimeters into 
most metals and alloys [55, 76-85]. The unique deep penetration equips it with the three-
dimensional (3-D) mapping capability. Besides, it has the volume-averaged bulk 
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measurement characteristics [86]. High-energy synchrotron has also been used due to its 
high resolution related to a small spatial diffraction volume [70, 87-89]. Thus, the neutron 
and synchrotron-diffraction techniques have been employed to measure residual stresses 
in our proposed research. 
2.2 HEAs 
2.2.1 Development of HEAs 
Recently, a new kind of alloys, called HEAs, has been developed and attracted 
increasing attentions [13, 14, 19, 27, 90, 91]. They are generally defined as solid-solution 
alloys that contain equal to or more than five principal elements in equal or near equal 
atomic percent (at.%) [13, 14]. Normally, the atomic fraction of each component is 
greater than 5 at.% and is usually between 5% and 35%. In the 1990s, researchers began 
to explore metallic alloys with a super-high glass-forming ability (GFA). Greer proposed 
a confusion principle, which states that the more elements involved, the lower the chance 
that the alloy can select viable crystal structures, and, thus, the greater the chance of glass 
formation [90]. However, until 2003, Cantor disproved this chaos theory by researching 
on many alloys that containing 16 or 20 kinds of elements, which would not form 
amorphous alloys [27]. But he found that the CoCrFeMnNi HEA can present a single 
FCC solid-solution phase [27]. From then on, the concept of HEA has caught the 
attention of many researchers [13, 14, 22, 91-97].  
Since the HEAs contain so many elements, they exhibit four core effects, that is 
(1) thermodynamics: high-entropy effects; (2) kinetics: sluggish diffusion; (3) structures: 
severe lattice distortion; and (4) properties: cocktail effects. The currently-reported 
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results in HEAs exhibit a better combination of yield strength and plasticity than 
conventional alloys, including stainless steels, nickel alloys, aluminum alloys, etc., as 
shown in Figure 3 [24]. Because of the unique structures, HEAs show a wide range of 
strength and hardness, with high thermal stability, good resistances to wear, fatigue, 
corrosion and fracture resistance [15-19]. Disordered solid-solution phases are usually 
formed, with FCC, body-centered cubic (BCC), or hexagonal close-packed (HCP) 
structures [14, 20, 21]. Because of their unique compositions, microstructures, and 
adjustable properties [3, 14, 22-26], HEAs have attracted growing attentions, since it 
introduces a new way of developing advanced materials with special properties [13, 14, 
27].  
2.2.2 AlxCoCrFeNi HEAs  
The studies on the AlxCoCrFeNi HEAs will be reviewed in this section. Research 
has been done mainly for the effects on the Al content on the evolutions of microstructure 
[98-102], mechanical [99, 101-104], corrosion [101, 105-107], and electrical properties 
[98, 108]. Moreover, Wang et al. [109] have paid attention to the microstructure and 
mechanical behavior of this alloy system in elevated temperature. X-ray diffraction 
(XRD), scanning and transmission electron microscopies (SEM and TEM), Vickers 
Hardness test, differential scanning calorimetry (DSC), etc. have been employed for the 
studies [98-106, 108, 109].  
2.2.2.1 Al Content on the Microstructures of AlxCoCrFeNi HEAs 
Wang et al. [102] have studied the effect of Al addition to the microstructure of 
AlxCoCrFeNi HEAs. Figure 4 shows the crystal structure evolution with the increase of 
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Al content. The dotted line shows the nominal content of Al in the AlxCoCrFeNi alloys, 
and the actual Al content is shown by the solid line. The figure shows that when x = 0.1 ~ 
0.5, the actual Al content of the FCC phase is the same as the nominal one. Then the two 
lines separated due to the formation of a BCC phase. Wang et. al [102, 109] concluded 
that the maximum amount of Al atoms in the FCC solid solution in the AlxCoCrFeNi 
alloy system is 11.0 at.%, while the minimum All contents of BCC phase is 18.4 at%. 
With the increase of Al content, the crystal structure evolves from FCC to duplex 
(FCC+BCC), to pure BCC. 
Figure 5 shows the optical micrographs of as-cast AlxCoCrFeNi HEAs. It is 
shown that the microstructure evolves with the increase of Al content, starting from 
columnar cellular structure (x = 0.1 ~ 0.3) to columnar dendrite (x = 0.4 ~ 0.6) (increase 
of interdendritic regions with addition of Al), equiaxed nondendritic grain (x= 0.7 ~ 0.8), 
equiaxed dendritic grain (x = 0.9 ~ 1.5), and finally non-quiaxed dendritic grain 
structures. 
2.2.2.2 Mechanical Properties of AlxCoCrFeNi HEAs 
Hardness tests [99, 101, 102, 104, 109] and tensile tests [103] have been 
employed to study the mechanical behavior of AlxCoCrFeNi HEAs and the effect of Al 
content has been discussed.  
Kao et al. [99] studied the mechanical behavior of as-cast homogenized and 
deformed AlxCoCrFeNi HEAs. In terms of hardness, the hardness of the FCC phase was 
smaller than the BCC phase, while the values of hardness are to some extent consistent 
throughout BCC and FCC regions and showed an increase as the volume fraction of the 
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BCC increases in the BCC-FCC mix region. Also, by comparing as-deformed and as-
homogenized samples, no stress-induced phase transformation was found during 
deformation. The as-deformed alloys show a higher hardness than the as-homogenized 
ones while having the same microstructure. They also found that the hardening ability of 
FCC was about twice that of BCC. 
In Li et al.’s work on AlxCoCrFeNi HEAs [100], their results confirm that Al 
promotes the formation of the BCC phase and the crystal lattice constant of the alloys 
increases as x increases. They believed that the increase of crystal lattice constant induces 
the increase of hardness.  
Wang et al. also investigated the mechanical behavior of AlxCoCrFeNi HEAs by 
hardness tests [102]. In their work, they agreed that the formation of BCC phase played a 
vital role in the increase of hardness as x increases. They also confirmed the consistency 
between lattice constant and hardness, as shown in Figure 6. Besides, they also found that 
the morphology also plays a role in the hardening of the alloys. Thus, this explained the 
maximum hardness value of Al0.9CoCrFeNi since it has the finest spinodal structure.  
Figure 7, the as-cast sample shows the lowest yield strength (around 170 MPa) 
and work hardening rate. Both yield strength and work hardening rate were increased by 
aging, and the sample with 700 °C aging showed the highest yield strength.  
2.2.2.3 Corrosion Properties of AlxCoCrFeNi HEAs 
The corrosion behavior of AlxCoCrFeNi HEAs was studied and the effect of Al 
addition was discussed. Lin et al. [101] corrosion properties of the as-cast Al0.5CoCrFeNi 
alloy as well as Al0.5CoCrFeNi alloys aged at temperatures of 350 ℃, 500 ℃, 650 ℃, 
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800 ℃, and 950 ℃ for 24 h. The corrosion resistance of the Al0.5CoCrFeNi alloy when 
immersed in a 3.5 wt.% NaCl solution was much better than that of AISI 304L stainless 
steel. The corrosion properties of the investigated alloy were governed by the aging 
temperature. The aging of the alloy at temperatures between 350 and 950 ℃ impairs the 
pitting resistance of the alloy in chloride environments. Their results show that the 
properties of the precipitated Al-Ni rich and Al-(Ni, Co, Cr, Fe) phases become unstable 
with the increase of aging temperature, causing the localized corrosion mechanism to 
switch from pitting corrosion to selective corrosion.  
Chen et al. studied the effect of Al content on the electrochemical passive 
properties of AlxCoCrFeNi (x = 0, 0.25, 0.5, 1.0) HEAs in sulfuric acids [106]. Figure 8 
shows the microstructure of four AlxCoCrFeNi HEAs before and after immersion in 0.5 
M H2SO4 for 3 days. With the increase of Al content, the microstructure evolves from 
FCC to FCC + BCC, and eventually to BCC. We can clearly see that the surface of low 
Al content (0, 0.25) AlxCoCrFeNi HEAs show little influence of corrosion. As x 
increases to 0.5, the BCC phase emerges. As shown in Figure 8 (e) and (f), signs of 
corrosion can be observed in the BCC phase, while the FCC phase still maintains the 
same morphology. The corrosion in Al1CoCrFeNi was related to the lowest corrosion 
resistance.  
2.2.2.4 Electrical Properties of AlxCoCrFeNi HEAs 
The electrical properties of AlxCoCrFeNi HEAs were also studied. Chou et al. 
studied the electrical properties as related to microstructure [98]. They found that in 
single phase regions, the electrical conductivity decreases with the increase of the Al 
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content. Also, the electrical conductivity in the duplex region is smaller than those in 
single phase regions, as shown in Figure 9 [98]. They believed that the additional 
scattering effect of FCC/BCC phase boundaries impaired the electrical conductivity.  
In Kao et al. [108]’s work, they thought that the microstructure is not the only 
factor influencing this alloy system since no linear relationship between the electrical 
resistivity and x is observed. They maintained that the defects in the lattice of alloys are 
the major effect that affects the electronic transportation in the alloy, thus the electrical 
properties [108].  
2.2.2.5 Properties of AlxCoCrFeNi HEAs at Elevated Temperatures 
Previous sections have discussed the properties of AlxCoCrFeNi HEAs at room 
temperature. The study on the high-temperature structure and mechanical properties will 
be reviewed in this section. Wang et al. [109] investigated the evolution of microstructure 
and hardness with temperature. As-cast and quenched samples with different Al contents 
were used for the study. In their study, they found four types of crystal structure 
evolution: 1. Al0-0.3CoCrFeNi: FCC structure, 2. Al0.5-0.7CoCrFeNi: mixed structure (FCC 
+ BCC), 3. Al0.9-1.2CoCrFeNi: BCC structure (< 873K) and mixed structure (> or = 873K), 
4. Al1.5-1.8CoCrFeNi: BCC structure. By observing the as-cast and quenched morphology 
of the microstructure, it can be concluded that the alloys maintained the original cast 
morphologies after aging at 1,173 and 1,373 K for 2 h. However, the sizes of the aged 
and quenched microstructures are much larger than the original ones. There are some 
interesting changes from high temperature XRD patterns, for the Al0.9-1.2CoCrFeNi HEAs. 
At around 873 K, phase transition from the disordered BCC to FCC, and sigma phase 
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(labeled as σ) will appear in the temperature range around 873 - 1173 K, which was also 
confirmed by the morphology pictures.  
Figure 10 shows the hardness evolution with temperature for AlxCoCrFeNi HEAs 
[109]. As shown in the figure, the hot hardness of Alx alloys decreases with temperature. 
With the increase of Al content, the hardness values show an increasing trend, and Al0.9 
reached the highest hardness value. Al0.9 and Al10 have a fastest softening rate, while it 
re-hardened between 973 K and 1,073 K, which is probably related to the formation of σ 
phase. They also found that the current alloy system has a higher softening resistance 
than T-800 Ln718 and Ln718H at higher temperatures.  
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Figure 1. Possible effects of hydrogen on fatigue behavior. Literature Results from [29, 
30] 
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Figure 2. Fatigue-crack-growth rates (da/dN) as a function of stress intensity range (ΔK) 
for X42 and X70 pipeline steel in 6.9 MPa hydrogen and 6.9 MPa nitrogen at the stress 
ratio (R) of 0.1. Literature results from [52] 
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Figure 3. Comparison of yield strength vs. ductility of HEAs and other conventional 
alloys (*Ductility includes both tensile and compressive properties at room temperature) 
[100] 
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Figure 4. Actual Al content of the as-cast alloys as a function of x value [102] 
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Figure 5. Optical micrographs of as-cast AlxCoCrFeNi HEAs [102]. 
  
28 
 
 
Figure 6. Lattice constant and hardness of AlxCoCrFeNi HEAs as a function of x [102] 
Shun et al. studied the tensile behavior of the Al0.3CoCrFeNi alloy [103].  
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Figure 7. Engineering stress-strain curves for as-cast, 700 °C-aged, and 900 °C-aged 
Al0.3CoCrFeNi alloy [103]. 
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Figure 8. Microstructures of AlxCoCrFeNi before and after the immersion tests in 0.5 M 
H2SO4 [105, 106] 
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Figure 9. Electrical conductivity as a function of Al content [98] 
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Figure 10. Hardness as a function of temperature [109] 
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Chapter 3 Hydrogen Effects on the Deformation Behavior of 
an X52 Pipeline Steel  
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Abstract 
In-situ neutron-diffraction experiments were performed to study the deformation 
behavior around the crack tip of an X52 [Fe-0.071C-1.06Mn-0.24Si-0.026Nb, weight 
percent (wt. %)] pipeline steel sample, using the VULCAN Engineering Diffractometer 
at the Spallation Neutron Source (SNS), Oak Ridge National Laboratory (ORNL). 
Smooth-bar tension and compact-tension (CT) specimens were employed in the study. 
CT specimens were precracked to a certain crack length, and then they were divided into 
two groups. One group was hydrogen-charged in a high pressure hydrogen atmosphere, 
the other served as reference. Both samples were tested to detect the influence of 
hydrogen on the deformation behavior of the crack tip. It is found that the yield strength 
was slightly increased because of the presence of hydrogen. Figures of Lattice parameters 
versus distances from the crack tip are plotted at various load levels during one fatigue 
(loading-unloading) cycle. It is shown that lattice parameters are expanded because the 
presence of hydrogen, while they were expanded differently with locations and load 
levels. The influences of hydrogen on the deformation behavior of X52 pipeline steel are 
discussed. 
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3.1 Introduction  
Due to increasing environmental and monetary costs of using the traditional fossil 
energy, the development of alternative energy sources is becoming more and more 
significant. Among them, with the increased development of the hydrogen fuel-cell 
technology for the automobile industry, the demand for hydrogen is expected to increase. 
Therefore, how to transport hydrogen to end users quickly and efficiently becomes a 
critical issue [10, 110-113]. 
It is well known that the most economic and efficient way to transport a large 
amount of hydrogen is through steel pipelines, but the mechanical behavior of these 
pipeline steels will be deteriorated by exposure to the hydrogen environment [8, 9, 38], 
causing the reduction of ductility, strength, and fatigue life. We call them hydrogen 
embrittlement (HE), and hydrogen-assisted fatigue-crack-growth (HAFCG) behavior.  
Zawierucha and Xu [114] conducted Fatigue-crack-growth tests with a stress ratio 
of 0.1 under various hydrogen pressures. They concluded that when ΔK = 22 MPa m0.5 , 
after the initial large change of FCGR as the hydrogen pressure was 1.4 MPa. The FCGR 
only increased 1.5 times as the hydrogen pressure changed from 1.4 MPa to 20.7 MPa. 
The effects of hydrogen pressure were also investigated by Holbrook for X42 steel when 
ΔK = 22 MPa m0.5, at a stress ratio of 0.25 and frequency of 0.1 Hz [115]. They found 
that the ratio of FCGR in hydrogen to that in nitrogen increased as a power function of 
the hydrogen partial pressure for pressures from 0 to 6.9 MPa.  Nanninga. et al. thought 
that the lower dependence of the hydrogen pressure might be caused by the 
nonequilibrium concentration of hydrogen under cyclic loading. The higher dependence 
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of hydrogen pressure might be obtained, using lower-frequency tests since the 
concentration of hydrogen in the material might be closer to the equilibrium condition 
[10]. 
Cialone and Holbrook investigated the influence of hydrogen on the fatigue 
behavior of an X42 pipeline steel [116]. Generally, X42 has a higher crack-growth rate in 
hydrogen than in nitrogen, but the difference decreases with increasing R when R < 0.5, 
and increases again beyond the R value of 0.5.  
The effect of frequency was also studied by Walter and Chandler for an ASME 
SA-105 Grade II steel (0.23 wt.% C and 0.62 wt.% Mn) with an R of 0.1 [117]. The 
found that compared with tests done in He, the FCGRs in hydrogen were much higher 
than those in He. Also, FCGR increased as the test frequency decreased. 
In sum, the mechanisms of HAFCG are lacking, since both the mechanisms for 
HE and FCGR are not clear. Dynamic loading is different from static loading in terms of 
hydrogen effects. Some variables, such as the stress ratio, test frequency, gas pressure, 
microstructure, strength, etc. that might influence the HAFCG of steels have been briefly 
reviewed. The role of crack closure should also be considered for its effect on the 
HAFCG behavior. Overall, many studies have proved that the FCGR increased 
significantly in the hydrogen environment, compared with nitrogen or air atmosphere. A 
better understanding of this behavior is needed for the pipeline industry and more 
experimental data for pipeline steels are required concerning different variables and test 
parameters. Ways to inhibit HAFCG should be proposed and used in future pipeline-
transportation systems. 
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During the fatigue process, a plastic zone generally produces around the fatigue-
crack tip, and the crack needs to pass through this plastic zone. Thus, the fatigue-crack-
growth behavior is controlled by the deformation zones that exist around the crack tip. 
Therefore, the size and nature of the crack-tip deformation zone have important effects on 
the fatigue-crack propagation.  
In Yamabe et al.’s research [118], they performed FCGR tests of various low 
carbon steels, using different hydrogen pressures, test frequencies, and temperatures. 
They concluded that hydrogen-assisted FCGR acceleration always comes together with 
the localized plastic deformation around the crack tip influenced by the hydrogen 
concentration.  
However, there are few direct quantitative investigations on describing the 
hydrogen effect on the crack-tip stress/strain fields, thus influencing the fatigue-crack 
growth. Neutron diffraction is a unique tool to study the mechanical behavior of 
materials. Its deep penetration and volume averaging capabilities enable the mapping of 
strain distributions in situ under applied loads [55, 76-85].  
In our investigation, we try to use neutron diffraction to detect the influence of 
hydrogen on the crack tip deformation. FCGR behavior of X52 [Fe-0.071C-1.06Mn-
0.24Si-0.026Nb, weight percent (wt.%)] grade pipeline steels (original and hydrogen-
charged) have been investigated to find the hydrogen effect on the fatigue-crack-
propagation behavior of pipeline steels at VULCAN, the Engineering Materials 
Diffractometer at the Spallation Neutron Source (SNS), Oak Ridge National Laboratory 
(ORNL). Compact-tension (CT) specimens were employed in the study, samples were 
precracked to a certain crack length, and then they were divided into two groups. One 
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group was hydrogen-charged in a high-pressure-hydrogen atmosphere, and the other 
served as reference. Both samples were tested to detect the influence of hydrogen.  
3.2 Materials and Experiment Methods 
3.2.1 Materials 
An X52 pipeline steel was employed in the study [119]. The material was 
provided by members in the industry. The pipe was 12.7 mm in thickness and 0.51 m in 
diameter. The pipe has never been in service.  The Vickers hardness of this sample is 
about 199.6 HV. The microstructure is comprised of about 10% pearlite and 90% 
polygonal ferrite, as shown in Figure 11. A small amount of chemical segregation can be 
seen at low magnification. The right image shows a higher-magnification of the 
microstructure, which is predominantly a polygonal ferrite plus carbide. 
Smooth bar specimens with a diameter of 5 mm were machined from the as-
received X52 pipeline steel plates. The CT specimens with a notch length of 8 mm, a 
width of 38.2 mm, and a thickness of 6.3 mm were machined from the as-received X52 
pipeline steel plate according to the American Society for Testing and Materials (ASTM) 
Standards E647-99 [31]. Then they were pre-cracked with ΔK = 15 MPa m0.5, frequency 
(f) = 10 Hz, R = 0.1 to a crack length of 1 mm, then switched ΔK to 11 MPa m0.5 to 
generate another 1 mm of crack length, resulting in a total crack length of 2 mm. The 
stress-intensity factor (K) value was obtained, using the following equation [83, 120, 121] 
 
  
 (   )
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(                                 ) 
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4) 
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where P = applied load, a/W, a = crack length, W = specimen width, and B = specimen 
thickness. The crack length was measured by the crack-opening-displacement gauge 
using the compliance technique [122-124]. The experiments were conducted using a 
computer-controlled Material Test System (MTS) servohydraulic machine.  
Subsequently, half of the samples (both smooth-bar and CT) were mailed to the 
National Institute of Standards and Technology (NIST), Boulder, CO, USA, where they 
were put in a high pressure hydrogen environment [15,000 psi (103.4 MPa), room 
temperature] for two weeks. Then they were put in a tin bath so that the surfaces were 
covered with tin in order to restrict the diffusion of hydrogen and retain some hydrogen 
from leaking. Then they were mailed back to UT in a low temperature (dry ice) 
environment. The other group of the as-received samples served as the reference 
condition.  
3.2.2 Neutron Experiments 
In-situ neutron-diffraction experiments were performed, using 
the VULCAN Engineering Diffractometer at the SNS, ORNL. The experiments were 
divided into two parts. One was the tensile tests, which served as the reference. The other 
is the strain-mapping tests, which were to obtain the strain-evolution information at 
different locations around the crack tip during the loading-unloading process. Both 
experiments were conducted on as-received and hydrogen-charged samples.   
Figure 12 shows a sketch of the neutron-diffraction geometry of the experiments. 
When the sample was loaded in the frame, it was carefully aligned so that the loading 
axis was oriented 45° to the incident neutron beam. The two stationary detector banks, 
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which were used to record the diffraction pattern, was centered on diffractions angles of 2 
θ = ± 90°. Therefore, the diffraction vectors were parallel to the through-thickness (TT, 
perpendicular to the loading direction) and in-plane (IP, parallel to the loading direction) 
directions of the sample. 
3.2.3 Mechanical Experiments 
The X52 pipeline steel smooth-bar samples were tested for both the as-received 
and hydrogen-charged conditions. The 5-mm horizontal and 5-mm vertical slits were 
used to define the incident neutron beam, and the diffracted beams were collimated by a 
5-mm-radial collimator in the tensile test, creating a 125 mm
3
 gauge volume. The 
procedure was as follows: 
1. Use load control, load the sample to 8,000 N in 30 minutes. 
2. Switch to strain control, deform the sample until the strain reaches 10% in an hour 
(for the first sample, we deformed it to 15% in an hour and a half). 
3. Unload the sample to 0 N in 20 minutes. 
4. The beam was at the center of the sample, and data were collected continuously.  
Compact-tension (CT) specimens from X52 pipeline steels, as received and 
hydrogen-charged, were employed for the in-situ neutron-diffraction strain mapping 
experiments at VULCAN, SNS, ORNL. The 2-mm horizontal and 0.5-mm vertical slits 
were used to define the incident neutron beam, and the diffracted beams were collimated 
by a 2-mm-radial collimator in the strain mapping test, resulting in a 2 (2 x 0.5 x 2) mm
3
 
gauge volume. The experiment procedure was described as follows (steps 1-3 are for 
hydrogen-charged sample only). The reason to use 3,000 N as the load is that this value 
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corresponds to a ΔK value of 11 MPa m0.5. Thus, the neutron experiment will be 
consistent with the fatigue tests at UT. 
1. Run the samples for 15 cycles with f = 0.2 Hz, Pmax = 3,000N. 
2. Set the system as load control, then ramp 44s until the load went to 3000N, hold 
for 15 min. 
3. Ramp 2.5 s to the load 0 N, hold for 15 min. 
4. Detect the lattice-strain evolutions at 10 different locations from the crack tip for 
all four samples [- 1 mm, - 0.5 mm, 0 mm, 0.5 mm, 1 mm, 1.5 mm, 2 mm, 2.5 
mm, 3 mm, and 3.5 mm] during one fatigue (loading-unloading) cycle (0 N, 750 
N, 1,500 N, 2,250 N, 3,000 N, 2,250 N, 1,500 N, 750 N, and 0 N).  
5. The beam was on the crack tip of the sample for Steps 1-3. It took about two 
hours to collect data for one load level. Thus, a total of 18 hours were needed for 
one sample. 
3.3 Results and Discussion 
The in-plane information was used for the analysis. Figure 13 shows the stress-
strain curve of the X52 sample, with or without hydrogen charging. It can be calculated 
from the two curves that Young’s moduli for these two samples are basically the same. 
Meanwhile, the yield strength for the hydrogen-charged sample of X52 was slightly 
higher than that of the original sample, as shown in Figure 13. The 0.2% yield strength of 
the as received sample is 473 MPa, while that of the hydrogen-charged sample is 516 
MPa. Note that none of these samples were strained to failure.  
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The literature results for the influence of hydrogen on yield strength are conflicted 
[125, 126]. In our study, one possible explanation would be that hydrogen atoms might 
occupy the interstitial sites of the BCC structure. Moreover, there may be an attractive 
interaction between dislocations and hydrogen solute. Thus, the hydrogen atoms impeded 
the movement of dislocation, resulting in higher yield strength. A sharp yield point 
occurs when the dislocation passes the hydrogen atoms. Note that it is possible that the 
amount of hydrogen atoms is not significant in the sample due to the small difference in 
the tension behavior. 
Figure 14 shows the lattice-strain evolution of the X52 as received and hydrogen-
charged samples during the tension process. Only the strain up to 10% was plotted for the 
as received condition. Note that both samples did not fail during the tension tests. From 
Figure 14(a), we see that the lattice strain will increase gradually with the increase of load. 
In the elastic region, the lattice strain of (200) grains changes more than other grain 
families, while the (211) and (110) grains are stiffer, and their lattice strain changes less 
with the change of stress. Moreover, we can see that generally, under the same stress 
condition, the lattice strain of grains of the hydrogen-charged samples is larger, which 
suggests that the grains in the hydrogen-charged sample are more sensitive to loading. 
During plastic deformation, we can find the lattice strain of hydrogen-charged sample is 
higher than the as-received sample, for all orientations. Figure 14 (b) clearly shows that 
under the same plastic deformation, grain families of the hydrogen-charged sample have 
greater lattice strains compared with those of the as-received sample. The difference for 
(310) and (211) grains seem to be larger than other grain families, which indicates that 
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even hydrogen has the influence on the micro deformation of all grains. Hydrogen has 
more influence for certain orientations, like (310) and (211) grains, as shown in Figure 14. 
Figure 15 and Figure 16 present the lattice parameter versus distance from the 
crack tip for both the X52 original sample and hydrogen-charged sample during loading 
and unloading.  It can be seen from the figure that the lattice parameter increases with 
load and varies by locations.   
Figure 15(a) shows the lattice parameter versus distance from the crack tip for 
both the X52 original sample and hydrogen-charged sample when there is no load applied 
to the sample. From this figure, we may find that the lattice parameters were similar for 
both samples at locations near the crack tip, while the lattice parameters for the 
hydrogen-charged sample were larger at other locations. One explanation for this 
phenomenon is that the lattice was expanded with the absorption of hydrogen. For 
locations near the crack, the existence of the compressive stress due to fatigue crack 
propagation during the sample preparation may constrain the lattice expansion. Thus, the 
lattice parameters near the crack tip were similar.  
As shown in these figures, the sample was loaded from 0 N to 3,000 N [as shown 
in Figure 15], and then unloaded back to 0 N [Figure 16]. The lattice parameter increases 
with loading and decreases with unloading.  Moreover, if we observe more carefully, it 
appears that the change of lattice parameters for the X52 hydrogen-charged sample is 
different from those for the X52 as received sample.  In order to study the difference, we 
set all the lattice parameters at the first condition, when no load was applied on the 
samples, as the reference. For example, the lattice parameter at the location of the crack 
tip at the first condition will be the reference for the lattice strain calculation for the crack 
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tip. There are ten reference lattice parameters since we mapped ten locations in our 
experiment. As shown in the equation below： 
   (   𝑑    )   ⁄  (5) 
where    𝑑 is the lattice parameter after one loading-unloading cycle, a0 is the 
lattice parameter before the loading-unloading. 
The lattice strain as a function of distance from crack tip after one cycle is 
presented in Figure 17.  As shown in Figure 17, after one cycle, it seemed that more 
tensile residual strain was induced around the crack tip after one loading-unloading cycle 
for the hydrogen-charged sample. The residual tensile strain means that in the next cycle 
while both the hydrogen-charged sample and the as received sample were applied at the 
same load, the effective stress is larger for the hydrogen-charged sample. Thus, more 
micro damage around the crack tip may be accumulated for the hydrogen-charged sample, 
which might lead to higher crack growth rates.  
From the results of the tension experiments, we have found that the yield strength 
was increased after hydrogen-charging. With hydrogen atoms around the crack tip, it is 
possible that the micro yielding behavior of the crack tip was influenced by the presence 
of hydrogen atoms. Since hydrogen atoms impede the movement of dislocation in the 
crack tip region, the yield behavior of the crack tip was suppressed. Thus the crack tip 
plasticity was inhibited. During the fatigue process, the plastic deformation of the crack 
tip can sometimes leads to a compressive strain field around the crack tip after unloading 
[127, 128]. As shown in Figure 17, residual compressive strain was induced behind the 
crack tip for the as-received X52 sample. Since hydrogen suppressed the crack tip 
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plasticity, we did not see residual compressive strain for the hydrogen charged sample. 
This might be one of the reasons for the hydrogen-assisted fatigue crack growth behavior 
for pipeline steels.  
From Figure 15 and Figure 16, we see that there is a difference of the lattice 
parameter between the as-received sample and hydrogen-charged sample. Now we define 
a variable called the lattice parameter difference, which is equal to the lattice parameter 
of hydrogen-charged sample minus the lattice parameter of the as-received sample, at a 
given location. Lattice Parameter Difference (LPD) = a [X52(H2)] – a [X52(as-received)]. 
How will this change during loading-unloading?  Figure 18 shows the LPD variations 
during one loading-unloading cycle at different locations. The blue line exhibits the lower 
limit (the smallest difference of LPD), while the black line indicates the upper limit (the 
biggest difference of LPD). The red line shows the average LPD values. As shown in 
Figure 18, the average LPD values increase gradually as we move away from the crack 
tip and become stable after 1.5 mm from the crack tip. From this figure, we know that 
generally in the area closer to the crack tip, LPD is smaller while away from the crack tip 
LPD is higher and becomes stable after 2 mm from the crack tip. We believe that this 
trend is due to the compressive strain field around the crack tip, generated from previous 
cyclic loading. The largest variations occur at 0.5 mm ahead of the crack tip, which 
indicates that hydrogen has the biggest effect around that area. This is consistent with the 
theory that during loading, the stress concentration near the crack tip will attract 
hydrogen atoms to navigate to the crack tip, together with dislocations. Thus, this 
localized plastic deformation, combined with the influence of hydrogen, will lead to 
higher FCGRs [118].  
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Figure 19 shows the LPD as a function of distance from the crack tip (before and 
after one loading-unloading cycle. From this figure, we know that one loading-unloading 
cycle has different effects on the as-received and hydrogen-charged sample. The black 
line shows the LPD distribution before loading, and the red line presents the LPD 
distribution after one loading-unloading cycle. From -1 mm to 1 mm, the LPD increased 
after one cycle, while from 1 mm to 3.5 mm (ahead from the crack tip), the LPD 
decreases. The highest difference is seen at 0 mm and 0.5 mm. It is explained before that 
this trend indicates that hydrogen has more effect around the crack tip. We believe that 
while hydrogen atoms migrate with dislocation and traveled to the area closer to the crack 
tip during deformation. With fewer hydrogen atoms away from the crack tip, the 
influence of hydrogen decreases, as indicated by the decrease of LPD. Note that even this 
is just one cycle, the sample was held at different load levels for the measurement, and 
the whole cycle took about 18 hours. This explanation suggests that there might be more 
dislocation activities going on around the crack tip for the hydrogen-charged sample, 
compared with the as-received sample, resulting in a higher LPD variation, as well as the 
residual tensile strain, which decreases the crack-opening load, and thus increases the 
crack growth rates.  
3.4 Conclusions 
 In-situ neutron experiments can be performed on pipeline-steel samples, with and 
without hydrogen charging, to detect the influence of hydrogen on the 
deformation behavior of pipeline steels.  
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 From the stress-strain curve of both the hydrogen-charged and original samples, it 
was found that the yield strength was slightly increased because of the presence of 
hydrogen. Hydrogen atoms might occupy the interstitial sites of the BCC structure 
and impede the movement of dislocation, thus increasing the yield strength. 
 The lattice parameters of X52 CT specimens were expanded because of the 
presence of hydrogen. For those points near the crack tip, the lattice parameters 
are similar for both samples (with or without H2) before the loading. This is 
possibly because of the distribution of residual compressive stress around the 
crack tip. 
 The hydrogen-charged sample and the as-received sample respond differently to 
the loading-unloading cycle. The biggest difference happens right ahead of the 
crack tip, which suggests that hydrogen has the highest effect around the crack tip, 
since hydrogen atoms would diffuse to the crack tip and interact with the 
dislocation movement around the tip.  
 Residual tensile strain around the crack tip was found for the hydrogen-charged 
sample, after one loading-unloading cycle.  
 Crack tip plasticity is suppressed because of hydrogen effect. As a result, 
compressive residual strain was not induced behind the crack tip for the X52 
hydrogen charged sample, which leads to a lower crack opening load and higher 
effective stress in the next cycle. This can be one of the possible reasons for the 
hydrogen assisted fatigue crack growth behavior of pipeline steels. 
 Instead of using hydrogen-charged samples, in-situ neutron experiments in a 
hydrogen cell can be the next step. 
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Figure 11. Microstructure of X52 (lower and higher magnifications), literature results  
from [119] 
50 
 
 
Figure 12. Schematic of the setup of  neutron-diffraction measurements 
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Figure 13. Stress stain curve of X52 as received and hydrogen-charged sample 
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Figure 14. (a) Stress versus lattice strain during X52 tension; (b) Lattice strain versus 
macrostrain during X52 tension 
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Figure 15 Lattice parameter versus distance from crack tip (loading) 
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Figure 16. Lattice parameter versus distance from crack tip (unloading) 
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Figure 17. Lattice strain versus distance from crack tip after one cycle (X52) 
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Figure 18. LPD variations during one cycle at different locations. 
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Figure 19. LPD as a function of distance from crack tip (before and after one loading-
unloading cycle 
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Chapter 4 Overload Effects on the Fatigue Crack Growth of an 
X70 Pipeline Weld Metal 
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Abstract 
 
Fatigue crack growth experiments were performed on X70 pipeline weld 
compact-tension (CT) specimens and crack retardation was observed after a single 
overload. High energy synchrotron diffraction measurements were conducted to 
investigate the crack growth retardation behavior after a single tensile overload. The two-
dimensional strain / stress field evolution around the crack tip were mapped during 
loading-unloading. Strain / stress maps were acquired at different load levels. The results 
clearly exhibit a compressive residual strain / stress region around the crack tip right after 
the overload. The residual compressive stress field around the crack tip induced by 
overload is believed to be the major cause of the crack-growth retardation of this X70 
pipeline weld metal. The strain / stress field evolution around the crack tip during 
loading-unloading are discussed.  
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4.1 Introduction  
Under the service conditions of steel pipelines, similar to many fatigue-critical 
parts of structures, it generally involves some random amplitude rather than constant 
amplitude loading conditions [129]. For example, after sudden change, overload / 
underload, during constant loading, accelerations and/or retardations in fatigue crack 
growth rate can occur as a result of these load variations. Therefore, a comprehensive 
understanding of the fatigue behavior requires an adequate evaluation of various load 
interaction effects. In this paper, we are going to study the overload effects on the fatigue 
crack growth of pipeline steels.   
During the fatigue process, a plastic zone generally produces around the fatigue-
crack tip, and the crack needs to pass through this plastic zone. Thus, the fatigue-crack-
growth behavior is controlled by the deformation zones that exist around the crack tip. 
Therefore, the size and nature of the crack-tip deformation zone have important effects 
on the fatigue-crack propagation. After a single overload, compressive plastic zone 
might be developed around the crack tip and leads to the retardation of fatigue crack 
growth [130]. The characterization of the plastic zone after overload is the key to the 
understanding of the overload effects on the fatigue crack growth.  
Synchrotron diffraction is a unique tool to study the mechanical behavior of 
materials. Synchrotron X-ray has the unique advantage in probing deformation at the 
crack tip due to its high penetration ability and focused beam size. High-energy 
synchrotron has been used due to its high resolution related to a small spatial diffraction 
volume [70, 87-89]. Due to the size of the plastic zone (0.3 - 1 mm) around the crack tip 
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of the current pipeline steel, a small beam size and a high spatial resolution are required 
to resolve the difference between the plastic zone near crack tip and other areas, for 
which only synchrotron X-ray can offer such capability. To study the deformation 
behavior around the crack-tip of the X70 pipeline compact-tension (CT) specimen. 
Synchrotron X-ray experiments were performed at the Advanced Photon Source (APS), 
Argonne National Laboratory (ANL), which provides one of the brightest storage ring-
generated x-ray beams in the world.   
4.2 Materials and Experiment Methods 
4.2.1 Materials and Mechanical Experiments 
An X70 girth-weld plate was employed in the study (base and weld). The 
chemical compositions of X70 base and weld metals are shown in The carbon content in 
X70 weld metal (0.141%) is more compared with that of X70 base metal (0.053%), 
which both Mn (0.79%) and Cr (0.13%) are less than those in the X70 base metal (Mn 
1.52%, Cr 0.25%). The equivalent carbon content (C.E) [131] for the X70 base and X70 
weld are 0.4158 and 0.386, respectively. This suggests that these two X70 steels have 
good weldability.  
The X70 base material has a body-centered cubic structure, while the weld metal 
comprised of mainly body-center-cubic phase, together with a small amount of face-
centered-cubic structure resulted from thermal cycles influence during the welding 
process. The average grain size was about 10 μm. The compact-tension (CT) specimen 
was machined according to the American Society of Testing and Materials (ASTM) 
standards E647-99 [31]. CT specimen was cut such that the notch will be located in the 
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region of the weld metal, and the crack will grow along the longitudinal direction in the 
weld region. The geometry was shown in Figure 20. The CT specimen was first 
precracked, using a Materials Testing System (MTS) servohydraulic machine, with a K 
(stress-intensity factor) control mode, with a Kmax of 15 MPa m
0.5
. The stress-intensity 
factor (K) is obtained by the following equation [31]: 
 
  
 (   )
 √ (   )  ⁄
(                                 ) (6) 
where P is the applied load, α = a/W, a is the crack length, W is the specimen width, and 
B is the specimen thickness. The stress-intensity-factor range (△K) is defined as follows,  
                 (7) 
where Kmax is the maximum stress-intensity factor per cycle, and Kmin is the 
minimum stress intensity factor per cycle. 
The crack length was precracked to 7 mm. After that, a constant-load control 
mode was used to grow the crack to 9 mm. The frequency was 10 Hz, and the load ratio 
R is 0.1 [R = Pmin/Pmax, Pmin (130N) and Pmax (1300 N) are the applied minimum and 
maximum loads during one cycle]. The crack-opening-displacement gauge was measured 
during the fatigue crack growth. Then the crack length was calculated, using the 
compliance technique [31, 83, 132-134]. Scanning electron microscopy (SEM) was used 
to confirm the crack size.  
4.2.2 Synchrotron-Diffraction Measurements  
In-situ synchrotron-diffraction measurements of the strain field around the crack 
tip were conducted at the beamline of 11-ID-C, the Advanced Phonon Source, Argonne 
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National Laboratory. The CT specimens were prepared to contain a crack with a length of 
about 9 mm at The University of Tennessee (UT). The material has an average grain size 
of ~ 10 μm. With a thickness of 2.5 mm to fit the loading grip and frame, enough signal 
and grains for each pattern can be obtained. A High energy X-ray beam penetrated 
through the sample and the diffracted ring was recorded by the detector.  
There are three loading cycles, normal loading-unloading, overloading-unloading,  
and normal loading-unloading. Thus, we will be able to detect the strain evolution during 
loading-unloading, as well as the overload effect.  The mapping will be conducted at 
different load levels, as shown in Figure 21. The Pmax for the normal loading is 1,300 N, 
which is the same as the Pmax during cyclic loading at UT. The over load Po(1,690N) 
will be 1.3 times of the Pmax. Thus, there are totally 19 load levels. For each load level, 
we will hold the sample and perform the strain mapping around the crack tip.  
For each load level, there will be two strain-mapping measurements. As shown in 
Figure 22, one was to measure the large area surrounding the crack tip (Large zone). The 
other was focused on a smaller area right near the crack tip (small zone). For the large 
zone, horizontally, it was - 5 mm from the crack tip to + 5 mm from the crack tip. 
Vertically, it was from - 2 mm to 4 mm around the crack tip. The measuring points were 
depicted by the black dots in Figure 22. The beam size used in this measurement was 0.5 
mm x 0.5 mm. Thus, there was a total of 21 x 13 = 273 points for every load level. After 
mapping the large zone, we will map the small zone with a smaller beam size (0.1 mm x 
0.1 mm) to obtain better resolution of the plastic zone. The small zone was - 0.5 mm to 
64 
 
1.4 mm (horizontally) and - 0.9 mm to 1 mm (vertically), as indicated by the red zone in 
Figure 22.   
The Fit 2D software [135] was used to reduce the diffraction rings and obtain the 
diffraction patterns along the loading direction and crack growth direction.  The d 
spacings along the loading and crack-growth direction were determined by the Pseudo-
Voigt fitting of the (211) diffraction peak, and, then, the lattice strains were calculated, 
using: 
   (    )   ⁄  (8) 
where d0 is the reference d-spacing measured from stress-free samples. MATLAB [136] 
was used to plot the stress and strain contour around the crack tip.  
4.2.3 Fatigue-Crack Growth with the Overload 
Fatigue-crack-growth experiments were performed on the sample after 
synchrotron measurements. 1.3 kN was used as the maximum load and stress ratio of 0.1 
was used. After 60,000 cycles, a single overload of 1,690 N was applied, and the fatigue 
crack growth experiment (Pmax = 1.3kN and R=0.1) was continued after the overload. 
The frequency for both conditions was 10 Hz. The sample was run for another 33,400 
cycles to failure.  
4.3 Results and Discussion 
4.3.1 Fatigue-Crack-Growth experiments  
Figure 23 presents the fatigue crack growth rate (da/dN) as a function of the 
stress-intensity-factor range (ΔK = Kmax – Kmin, Kmax and Kmin are the maximum and 
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minimum stress-intensity factors within a cycle, respectively.) The crack growth rate 
(da/dN) was calculated according to secant method [31]. From this figure, the overload 
effect can be clearly observed. The overload was applied while the ΔK value was about 
28.4 MPa.m0.5, after which a clear drop in the da/dN happened as we continued the 
crack propagation. It dropped from 8.9E-08m/s to 4.7E-08 m/s. There is a drop of crack 
growth rates of 47%. We can clearly see the crack-growth-retardation period on the 
figure. Meanwhile, we can find that as the crack continued to grow, the da/dN continued 
to increase until in went back to the level before the overload at a ΔK value of about 30.2 
MPa.m0.5, we know from our experimental result that the overload was applied when the 
number of cycles reached 60000, and the crack length was 13.24 mm. The retardation 
period was about 8,000 cycles. The crack length at the end of retardation was about 13.73 
mm. The average crack-growth rate during the retardation period was 6.1E-8/s.  The 
fatigue life of this sample was definitely improved because of this single overload. From 
the figure, we know that after recovering from the retardation, the crack just continued to 
grow as before the overload.   
4.3.2 Synchrotron Measurements 
We first set the loading direction as the Y direction, and the direction that is 
parallel to the crack-growth direction as the X direction. Figure 24(a) and (b) show the 
strain contour maps for the large zone at the overload point, which means a load of 1,690 
N was applied on the sample. The location of the crack tip was set as X = 0 mm and Y = 
0 mm, as shown in the figure. From the figure, we know that the whole region was under 
tension. From Figure 24(a), we see that the area right ahead of the crack tip has the 
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highest lattice strain. the lattice strain can be more than 2,500 με (microstrain, 1E-6), 
while the region has more than 2,000 με is about 1 mm along the X direction (between 0 
to 1 mm near the crack tip), as shown Figure 24. If we take a look at Figure 24(b), a clear 
plastic zone is shown ahead of the crack tip. The lattice strain is smaller, compared to the 
loading direction. The lattice strain can be as high as 2,000 με. The area that has the 
lattice strain higher than 1,800 με is about 1 mm (0 - 1 mm ahead of the crack tip). What 
will happen if we unload the sample? 
Figure 25 (a) and (b) presents the lattice-strain contour of the unloaded state right 
after the overload. Figure 25(a) presents the loading direction. It was shown that around 
the crack-tip region, there is a small compressive plastic zone, with a size of around 1 
mm (from - 0.8 mm behind the crack tip to 0.2 mm ahead of the crack tip). The most 
inner blue region shows the area that has a residual lattice strain of less than – 100 με. 
The width in the X direction is around 0.3 mm (from - 0.1 to 0.2 mm near the crack tip).  
However, from Figure 25(b) we know that the whole sample has the residual 
tensile strain along the crack-growth direction. Thus, we would argue that the residual 
strain developed along the loading direction influences the fatigue crack growth after the 
overload, creating the retardation period. Right now we have discussed the situation for 
the large zone. It shows clearly that a residual compressive strain zone was developed. 
However, the size is as small as 1 mm, since we used 0.5 mm as our beam size, the 
resolution of the data is not very good. We would like to look deep into the area that is 
right near the crack tip. Thus, our diffraction results of the small zone can be very 
interesting.  
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Figure 26 (a)-(c) show the lattice-strain map of the X70 small zone before the 
overload, at the overload point, and 0 load right after the overload point. Figure 26(a) 
shows the state before the overload. This is like a condition after normal fatigue loading. 
As we can see there is a large compressive residual-strain plastic zone behind the crack 
tip, which might be due to crack closure results from the fatigue loading. Interestingly, if 
we look closer at the crack-tip point, there is actually some residual tensile strain (~ 200 
με). For Figure 26(b), 1,690N was applied on the sample, we can see clear tensile plastic 
zone. Especially from - 0.1 mm behind the crack tip to 1 mm ahead of the crack tip, the 
tensile strain is more than 1,500 με, especially from 0.05 mm to 0.6 mm. The tensile 
strain is 2,500 με, we can surely believe that some plastic deformation around the crack 
tip can happen here. The most tensile strain was more than 3,000 με and it happens in 
some areas ranging from 0.1 mm to 0.4 mm. Now let’s take a look at Figure 26(c). It 
shows the residual lattice-strain condition right after the overload. Firstly, we saw an 
expansion of the compressive strain zone. It right now expands to all the way 0.15 mm 
ahead of the crack tip, which means that the whole crack tip was surrounded by the 
compressive plastic zone. In the region that is mostly close to the crack tip (0.1 mm from 
the crack tip), in any direction, the residual compressive strain is less than – 200 με.  
If we compare Figure 26(c) with Figure 26(a), we see a clear expansion of the 
compressive plastic zone of almost 0.25 mm. Our results show that the compressive 
plastic zone was behind the crack tip before the overload. After the overload, it expands 
to the crack tip and immerses the crack tip within it. This is probably the reason that leads 
to the crack growth retardation period. Next, we will try to calculate the stress around the 
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crack tip so that we can have a more direct observation of the overload effect around the 
crack tip.  
The relationship between the stress and strain can be expressed as the generalized 
Hooke’s Law, shown as:  
 
   
 
   
    
 
(    )
(        )  (9) 
where E is Young’s modulus, and   is Poisson’s ratio.  
 In our study, we used a thin sample that has a thickness of 2.5 mm. Thus, we can 
assume that the sample is under a plane stress state. Diffraction results from the (211) 
grain families were used for our analysis. The Young’s modulus and Poisson’s ratio are 
fitted from in-situ tension test of X70 weld samples. They are 231 GPa and 0.256, 
respectively.  First, since it is a plane-stress condition, σz = 0. Thus, with the measured εx 
and εy, we can calculate εz. Then we can determine σx (the crack growth direction) and 
σy (the loading direction).  
Figure 27 (a)-(c) show the stress map of the X70 small zone before the overload, 
at the overload point, and 0 load right after the overload point. Figure 27(a) shows the 
stress state before overload, as we can see there is a large compressive residual stress 
plastic zone behind the crack tip, which is consistent with our observation of the residual-
strain map. Crack closure induced by crack tip plasticity might be the main reason. From 
this figure, we know that the residual compressive stress zone is - 0.5 to 0.1 mm along X 
direction and about -0.5 mm to 0.5 mm along the Y direction. From our large zone 
measurement, we know that there is compressive stress up to – 1 mm along the X 
direction.  
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When we discussed the residual strain, we pointed out that closer to the crack tip 
point, there is actually some residual tensile strain (~ 200 με). It was determined that the 
residual stress at the crack tip was about 100 MPa. Moreover, from 0.2 mm to 0.4 mm, 
the residual stress in that region can be more than 200 MPa. Since we know that the yield 
strength of this material is about 550 MPa, 200 MPa is more than one third of the yield 
strength. These residual tensile stresses are probably induced by the previous loading and 
fatigue cycling. There may be an accumulation of residual stress with cyclic loading, 
which was not studied in the present research.  For Figure 27(b), 1,690N was applied on 
the sample, we can see clearly the tensile plastic zone. From the crack tip all the way to 
roughly about 0.8 mm, the region has the stress of 600 MPa or higher. Especially from 
0.1 mm to 0.4 mm ahead of the crack tip, the tensile stress is more than 800 MPa. We can 
surely believe that some micro-plastic deformation can happen here. The whole sample is 
under tension.  
Now let’s take a look at Figure 27 (c). It shows the residual stress condition right 
after the overload. Firstly, similar to what we saw on the residual-strain map, we saw an 
expansion of the compressive stress zone. It right now expands all the way to 0.15 mm 
ahead of the crack tip, which means that the whole crack tip was under a residual 
compressive stress. In the region that is mostly close to the crack tip (0.1 mm from the 
crack tip), in any direction, the residual compressive strain is more than 50 MPa. Note 
that just before the overload cycle, the residual stress at the crack tip is 100 MPa, in the 
tensile direction. Just one overload cycle creates an increment of 150 MPa compressive 
stress. Our mechanical tests have confirmed that after a single overload, the crack growth 
rate has decreased more than 47%. Both measurements were performed on the same 
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sample, with the same amount of overload. However, we need to mention that the 
overload was applied at difference ΔK levels. The synchrotron experiments were 
performed when the ΔK was about 20 MPa.m0.5, while the other overload was applied at 
a ΔK of around 28 MPa.m0.5. The influence of overload was detected in both cases.  
If we compare Figure 27(c) with Figure 27(a), we see a clear expansion of the 
compressive stress zone of about 0.2 mm. If we look more clearly, we can find that the 
whole compressive zone expanded 0.2 mm from the left. One may argue that it is 
probably because the crack grows 0.2 mm, and the tip shifted to the right 0.2 mm. During 
our mechanical testing, we actually measured the crack length before and after overload 
at a higher ΔK (28 MPa.m0.5) level, we found that the change of crack length is less than 
0.1 mm. Thus, the expansion of the compressive stress zone is not because of the growth 
of the crack, but due to the overload influence.  
From Figure 27, we know that the magnitude of the compressive zone behind the 
crack tip does not change much before and after the overload. However, compressive 
stresses developed around the crack tip. The compressive zone behind the crack tip was 
the main cause of the crack closure effect during the fatigue process. From our results we 
do not see much change behind the crack tip. The overload makes the compressive zone 
develop at the ahead of the crack tip. The compressive residual stress at the crack tip will 
lower the effective stress in next cycle. This is probably the reason that leads to the crack 
growth retardation period. The residual compressive stress at the crack tip induced by 
overload is the cause of the fatigue crack growth retardation.  
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4.4 Conclusions 
 High energy X-ray diffraction was successfully used to map the residual stress 
field around the crack tip of an X70 pipeline steel weld sample during loading-
unloading. Synchrotron diffraction is proved to be a great tool in investigating the 
lattice strain evolution during loading and unloading.  
 Overload effect was seen for this X70 pipeline steel weld. The effect of overload 
during fatigue loading was investigated by synchrotron-diffraction measurements. 
The residual compressive stress induced by overload is believed to be the major 
cause of the crack-growth retardation. The effect of crack closure behind the 
crack tip is not as important. 
 The resolution of synchrotron proved to be a significant factor in studying the 
crack-tip deformation, especially when the plastic zone is smaller than 1 mm. The 
0.5 x 0.5 mm beam did not catch the accurate information around the crack tip 
due to the limitation of resolution. The 0.1 x 0.1 mm beam size is a key factor in 
the success of this study. 
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Table 1. The chemical compositions of X70 weld metal [weight percentage (wt.%)] 
  
Element X70 weld 
C 0.141 
Mn 0.79 
Cr 0.13 
S 0.009 
Si 0.08 
Cu 0.06 
Ni 0.72 
V 0.002 
Nb 0.002 
Al 0.001 
P 0.009 
Mo 0.108 
Ti 0.006 
B 0.0001 
Sn 0.003 
Ca 0.0001 
N2 0.018 
Co 0.005 
W < 0.01 
Sb 0.001 
As 0.007 
Zr 0.001 
Pb 0.001 
O 0.15 
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Figure 20. Geometry of a compact-tension (CT) specimen 
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Figure 21. Loading sequence of APS experiment 
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Figure 22. Mapping Area for APS experiment 
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Figure 23．FCGR (da/dN) versus stress-intensity-factor range (K) for the X70 weld 
metal 
  
Overload (1,690 N) 
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Figure 24. Strain map of X70 Weld large zone at the overload point 
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Figure 25. Strain map of the X70 Weld large zone (unloaded condition right after 
overload) 
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Figure 26. Lattice-strain mapping of the small zone of X70 W (a) 0 load before the 
overload, (b) at the overload, and (c) 0 load right after the overload 
81 
 
 
Figure 27. Maps of stress field in the loading direction σy (in MPa) calculated from the 
measured elastic strain by synchrotron XRD (a) at 0 load before overload (OL) (b) OL 
(1,690 N) (c) immediately after OL at 0 load. Note that different scales are used for the 
contours 
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Chapter 5 Fatigue Behavior of an Al0.1CoCrFeNi High 
Entropy Alloy and the Effects of Heat Treatment  
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Abstract 
This paper focuses on studying the fatigue behavior of an Al0.1CoCrFeNi high 
entropy alloy, and investigating the influence of heat treatments on its mechanical 
properties. For fatigue experiments, tension-tension plate specimens were been tested at a 
frequency of 10 Hz and stress ratio (R) of 0.1, (R = Pmin./Pmax. where Pmin. is the 
minimum applied load, and Pmax. is the maximum applied load) in air. Stress range 
versus cycles to failure (S-N) curves were plotted for both as-received and heat-treated 
samples. The microstructures of failed samples are investigated, using scanning-electron 
microscopy (SEM), Energy Dispersive Spectroscopy (EDS), electron backscatter 
diffraction (EBSD), and transmission electron microscopy (TEM). It is concluded that the 
fatigue behavior of this Al0.1CoCrFeNi high entropy alloy is related with dislocations 
and twinning generated during the mechanical loading. Moreover, the samples that have 
been heat treated at 700 ᵒC for 400 hours have a better fatigue resistance than the as-
received samples.  
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5.1 Introduction 
High entropy alloys (HEAs) are a new class of multicomponent metallic materials. 
HEAs, also known as multi-principal element alloys (MPEAs) [137], multicomponent 
alloys [27], complex concentrated alloys (CCAs), compositionally complex alloys (CCAs) 
[138], or baseless alloys [139], have stimulated the exploration of the vast composition 
space. The definition of HEAs is on the basis of either composition [13, 27], or the 
magnitude of entropy [14]. Generally, HEAs contain equal to or more than five principal 
elements in equal or near equal atomic percent (at.%) [13, 14], and have an entropy that 
is larger than 1.5R [R (= 8.31 J/K.mol) is the gas constant] [13, 27{Yeh, 2004 #503]. 
Because of the unique characteristic, disordered solid-solution phases are usually formed, 
with FCC, body-centered cubic (BCC), or hexagonal close-packed (HCP) structures [14, 
20, 21]. Due to their unique compositions, microstructures, and adjustable properties, 
HEAs show a wide range of strength and hardness, with high thermal stability, good 
resistances to wear, fatigue, corrosion, and fracture resistance [3, 14, 22-26], HEAs has 
attracted growing attentions. The idea of HEAs introduces a new way of developing 
advanced materials with special properties [13, 14, 27]. To study the microstructure and 
mechanical behavior will greatly help us better understand this alloy system.  
If we concern about the application of HEA in the industry and other fields, the 
fatigue properties, coupled with fatigue lifetime prediction, are significant factors to be 
studied, yet so far only four publications are reported in HEA systems [140-143]. Two 
publications which studied the fatigue behavior of Al0.5CoCrCuFeNi HEAs are from 
Tang et al and Hemphill et al [140, 141]. Compared with conventional alloys, such as 
85 
 
steels, Ti-based super alloys, Al-alloys, and bulk metallic glass (BMG), their studies 
showed that the fatigue resistance of HEAs is equal or superior to these alloys. Thus, 
HEAs have promising potential to replace these alloys in the aspect of structural 
applications. One publication came from Mohsen et al, which studied the fatigue-crack 
growth behavior of as-cast Al0.2CrFeNiTi0.2 and AlCrFeNi2Cu high-entropy alloys 
[142]. They found that these two materials exhibited high fatigue thresholds that decrease 
significantly with an increase in R. Fatigue striations on the fracture surface were 
examined. Recently, Thurston et al investigated the effect of temperature on the fatigue-
crack growth behavior of the CrMnFeCoNi high-entropy alloy [143].They found that the 
fatigue threshold of this alloy increases when the temperature changes from 293 K to 198 
K. They believed that the higher strength of this alloy at lower temperature reduced the 
crack-tip opening displacements and prevents plastic deformation of grains in the wake of 
the crack.  
For the limited studies on fatigue behavior of HEAs so far, both two-phase HEAs 
and single phase FCC HEA were studied. In our study, we continued to explore the 
fatigue properties and fatigue-fracture mechanisms of single-phase HEAs. Moreover, the 
effects of heat treatment are investigated since microstructure and mechanical properties 
of most HEAs are related to the heat treatment conditions [14]. However, the effect of 
heat treatment has not yet discussed by previous authors. Therefore, the heat-treatment 
effort on the fatigue behavior is studied in this paper. 
The Al0.1CoCrFeNi (molar fraction) HEA has been fabricated as a single FCC 
phase. The objectives of this paper are to (1) study the fatigue-fracture mechanisms of the 
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as-received and heat treated Al0.1CoCrFeNi HEA, and explore the influence of heat 
treatments; (2) simulate results using statistics models; and (3) compare the fatigue 
behavior of this high entropy alloy with conventional alloys.  
5.2 Materials and Experimental Details 
For the study on HEA, one Al0.1CoCrFeNi HEA will be employed. A large plate 
of material (~ 127 x 305 x 19 mm) were prepared by the Sophisticated Alloys, Inc. using 
Vacuum induction melting method. In order to decrease the pores in the material, hot 
isostatic pressing (HIP) was performed @ 2,200 K, 104 MPa, for 4 hours. The 
composition of the materials is shown in Table 2. There are five elements in this alloy: Al, 
Co, Cr, Ni, and Fe. For the microstructural analysis, the mounted samples were polished 
with the grit paper and 0.5 μm-Al2O3 slurry solution. Colloidal silica was used for the 
final step. Electron backscattering diffraction (EBSD) was performed to identify the 
phase and grain size.  
Neutron diffraction was performed at the Vulcan, Oak Ridge National Laboratory 
(ORNL) to acquire the diffraction pattern of this alloy for structural characterizations. 
The incident neutron beam will be 45ᵒ from the axil direction of the sample. There are 
two detectors that oriented - 90ᵒ (detector 1) and + 90ᵒ (detector 2) from the incident 
neutron beam. Detector 1 collects the diffracted information along the axil direction of 
the sample, while Detector 2 collects the diffracted information of the transverse 
direction of the sample.  
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The transmission-electron-microscopy (TEM) samples are prepared from both the 
as-machined and fatigue-failed samples (close and away from the fracture edge).  The 
TEM characterization was performed at Northeastern University, China.  
For the heat treatments, the as-received samples were vacuum sealed in the fused 
quartz glass tubing, provided by Technical Glass Products (Gonzalez, La), to prevent 
oxidation during the heat treatment. They were put in the oven and then heated at a rate 
of 25C/min. until 700 °C. The heat treatment times were set to be 400 hours. After the 
heat treatment, the samples were cooled in the oven.  
The flat dog-bone tension-sample, prepared by electron-discharge machining 
(EDM). was employed for the tension test. The gauge length is 10 mm, while the width 
and thickness are 3.175 mm and 1 mm, respectively. Tensile tests were performed at 
room temperature with a strain rate of 2 x 10-4/s, using a Material Testing Systems (MTS) 
810 static-hydraulic load frame. The data-acquisition frequency is 100 Hz. Plate fatigue 
samples (a cross section of 12.4968 mm
2
) with a continuous radius between ends were 
prepared by electric discharge machining (EDM) according to the Standard Practice for 
Conducting Force Controlled Constant Amplitude Axial Fatigue Tests of Metallic 
Materials (ASTM Standard E466) [144].  The thickness of the sample is 3.048 mm, and 
the width is 4.1 mm.  There are two conditions of samples for the fatigue experiments. 
Set 1: as-Hiped. Set 2: heat-treated .  
High-cycle tension-tension fatigue experiments to generate S-N curves were 
conducted at various stress amplitudes (f = 10 Hz and R = 0.1), [R = Pmin./Pmax., Pmin.  
and Pmax. are the applied minimum and maximum loads, respectively], at room 
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temperature. The fatigue experiments were performed until the failure of the specimen. 
Following the fatigue experiments in the air at room temperatures, the deformation 
mechanisms were examined by scanning electron microscopy (SEM), TEM, and EBSD. 
Specifically, the fracture surfaces of samples were studied by SEM using an LEO Gemini 
1525 FE-SEM operating at 20 kV to investigate the deformation mechanisms. The 
surface that is normal to the fracture surface was polished and characterized by Energy 
Dispersive Spectroscopy (EDS), TEM and EBSD. Accordingly, the fatigue and fracture 
deformation mechanisms for this HEA in the air can be investigated.  
5.3 Results and Discussion 
5.3.1 Microstructures of the as-received sample 
The microstructure of this material has been studied by our group member and the 
results are documented in the literature [145]. As shown in Figure 28(a), a single-phase 
structure with a large grain size (~ 1 mm) was observed. Figure 28(b) and (c) show the 
neutron diffraction pattern of Al0.1CoCrFeNi from Banks 1 and 2. (Bank1 refers to the 
information gathered by Detector 1 for the axil direction and Bank 2 refers to the 
information from Detector 2 for the transverse direction of the sample). Only an FCC 
peaks can be identified from the diffraction pattern. Moreover, there is a texture in the 
sample since the intensity for different peaks is different, especially for (111). The lattice 
constant was calculated to be about 3.58 Å, which is consistent with previous results 
[145].  
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5.3.2 Results from Mechanical Testing 
Figure 29(a) presents the engineering stress–strain curves for both the as-Hiped and 
heat-treated Al0.1CoCrFeNi alloy. The engineering strain was calculated from the change 
of displacement of the load frame divided by the initial gage length (10 mm). From this 
figure, we know that the yield strengths of both alloys are around 160 MPa. Moreover, 
both alloys show great ductility, 80% for the as-Hiped sample and 70% for the heat-
treated sample. Another thing to mention is that both alloys have strain hardening before 
necking. We see from the curves that strain hardening behavior of both as-Hiped and 
heat-treated samples is very similar.  The ultimate tensile strength for the as-Hiped 
sample is 443 MPa, while that of the heat-treated sample is 423 MPa.  
As shown in Figure 29(b), the fracture surface of the as-Hiped sample shows 
typical ductile features. We can see a large amount of dimples with various sizes up to 10 
um. The fracture surface of the heat-treated sample was similar, ductile with dimple 
structure. The tensile behavior of the as-Hiped and heat-treated sample is similar.  
High-cycle tension-tension fatigue test results are plotted as the stress amplitude 
[calculated from Equation (10)] versus the numbers of cycles to failure (S-N curve). Note 
that if the samples run to 10
7 
cycles without failure, the tests will stop and we consider 
the fatigue life to be infinity in this stress level.  
      (         )    (10) 
where Pmax and Pmin are the applied maximum and minimum loads, respectively, A is 
the cross-section area of the plate sample.  
As presented in Figure 30, while we can see a general trend as we see in other 
crystalline materials [140, 141], the cycles to failure increases with the decrease of the 
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stress amplitude. Generally, the heat-treated sample shows a better fatigue property, 
compared with the as-Hiped sample, the endurance limit of the heat-treated sample is ~ 
98 MPa, while that of the as-Hiped sample is somewhere between 60 ~ 80MPa. 
Moreover, it seems that at higher stress levels, the fatigue lives of the as-Hiped and heat-
treated samples are very similar. While when we go to lower stress levels, especially for 
the endurance limit, below which the sample will not fail (in this case we used the stress 
that samples can run for 10
7
 cycles without failure), there is a difference of more than 20 
MPa. The fatigue ratio of fatigue endurance limit to tensile stress is 0.13 for the as-Hiped 
sample and 0.23 for the heat-treated sample. There is a large difference between the as-
Hiped and heat-treated samples. Moreover, if we calculate the ratio of fatigue endurance 
limit to yield strength, for the as-Hiped sample it is 0.36 and for the heat-treated sample it 
is 0.61. We know in real applications the stress level is normally smaller than the yield 
strength. Thus, if we use the heat-treated sample at stress amplitude less than half of its 
yield strength, it is below the fatigue endurance limit and the material would not fail 
because of fatigue.  
In addition, we can find that the data seems to scatter. For example, for the as-
Hiped sample, the fatigue life at 96 MPa (208,735 cycles) is very similar to the fatigue 
life at 120 MPa (238,643 cycles); the fatigue life 80 MPa (1,596,670 cycles) and 104 
MPa (1,970,200 cycles) are close. There seems to have a strong group and weak group, 
which is probably influenced by the amounts of defects during fabrication, especially 
during the casting process [19, 141]. The results for the heat-treated sample also seem to 
show this phenomenon. However, it seems that the difference is much smaller. If we also 
separated the results of heat-treated sample into a strong group and a weak group. Thus, 
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the effect of heat treatment can be proved even at higher stress levels. Thus, it is possible 
that the heat treatment was able to eliminate some of the defects. Thus, the fatigue 
property was improved. However, some defects cannot be eliminated by the heat 
treatment. Hence we can still see strong and weak groups for the heat-treated samples. 
However, the difference between the strong and weak group is smaller than the as-Hiped 
sample.   
5.3.3 Fractography 
 Figure 31 shows the fracture surface of a failed as-Hiped sample. From our 
observation, the fracture surface of both the as-Hiped and heat-treated samples show 
similar features. Figure 31 is a good example. The sample was tested at a stress range of 
192 MPa and failed after 208,735 cycles.  
As shown Figure 31(a), the crack initiates from the right side of the sample, usually 
around the corner area due to stress concentration as a result of geometry. The defects in 
the sample, usually pores, can serve as the crack nucleation site. The left side of Figure 
31(a) shows that extensive necking happened during the fast fracture part of the fatigue 
process. Figure 31(b) presents the initiation site area. Some proof of plastic deformation 
can be seen in the corner, which suggests that stress concentration leads to the breakage 
of the corner, then the crack grows toward the middle. Striations can also be seen in 
Figure 31(b). If we amplify the steady crack growth area, we can see clearly the presence 
of striations in Figure 31(c), which is commonly seen on the fatigue-fracture surface of 
crystalline materials. Also, some microcracks can be seen in Figure 31(c), which suggests 
that there might be various crack-initiation sites, and the pores combine with each other 
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as the fatigue process goes. Large cracks would form from the combination of small 
cracks. Figure 31(d) shows the fast fractures region, which presents a typical feature of 
the ductile fracture. Dimples can be seen and there are a great amount of fiber-like 
feathers, which suggests that the material has great ductility.  
5.3.4 Characterization of Failed Samples 
 To investigate the reason that leads to the difference fatigue performance of the 
as-Hiped and Heat-treated sample. We choose two samples for further investigation. One 
is from the as-Hiped group and the other from the heat-treated group. Both of them were 
tested with a stress range of 224 MPa, using R ratio of 0.1 and frequency of 10 Hz. The 
fatigue life for the as-Hiped sample is 553,640 cycles, while that of the heat-treated 
sample is 1,471,126 cycles, which is more than twice of the life of the as-Hiped sample.  
We focused on the surface that is perpendicular to the fracture surface since the 
characteristic of fracture surfaces are similar. Backscattering diffraction (BSD), EDS, and 
EBSD were performed on these two samples and results are presented below.  
Figure 32(a) and (b) presents the BSD image of the surface that is perpendicular to 
the fracture surface of the sample. As shown in both figures, the edge of the fracture 
surface is at the bottom of the figure. The first thing we saw is that the fracture surface of 
the heat-treated sample is smoother than that of the as-Hiped sample, which may suggest 
that the region of fatigue initiation and crack growth is greater in the heat-treated sample 
than the as-Hiped sample. The fast facture region for the as-Hiped sample is greater than 
that for the heat-treated sample. There are pores in both samples. However, we can easily 
find that the pores in the as-Hiped sample are much more than that in the heat-treated 
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sample. Given that both samples fail, and some of the pores were generated during 
tension-tension fatigue, we can comfortably say that the pores in the as-Hiped sample 
more than those in the heat-treated sample, which may be one of the reasons that 
contribute to the difference in their fatigue behavior. It is possible that the heat treatment 
eliminated some of the pores in the sample and, thus, results in better fatigue behavior. 
Moreover, we can observe a large pore in the as-Hiped sample, and it looks that an 
aggregation of many pores. Thus supporting our assumption that different pores can be 
the crack-initiation sites, given enough stress and time. In addition, we can see the 
reflection of difference for both samples. Thus, we may think that there might be 
different phases or element segregation during deformation. EDS was be used to check 
the elemental segregations and EBSD was employed to characterize the phase 
information.  
EDS was performed on an area that is close to the fracture edge. Moreover, line 
scan and point scan were also performed close to the fracture surface. The results were 
consistent as what we give in the previous section. Figure 33 shows the EDS map of both 
the as-Hiped and heat-treated samples. They were both tested at a stress range of 224 
MPa. The EDS results indicate that different elements are evenly distributed in the 
sample, the heat treatment and deformation did not influence the element distribution.  
Our point scan results show that elemental concentrations are consistent to the designed 
compositions, as shown in Table 2.  
Figure 34 presents the EBSD of fatigue failed sample for both as-Hiped and heat-
treated samples. As shown in both Figure 34(a) and (b), this is the surface that is 
perpendicular to the fracture surface. Both samples were tested at a stress range of 224 
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MPa and the heat-treated sample has a longer fatigue life. As can be seen from both 
figures, large annealed twins were seen in both figures. The amount of annealed twins 
seems to be more in the heat-treated sample, which makes sense since the sample was 
heat treated at a temperature of 700 ᵒC for 400 hours. They both have small deformation 
twins and the density of deformation twins seems to be higher for the heat-treated sample, 
especially near the fracture edge. 
It has been suggested that higher density of twin structures can strength the 
materials locally since the local strain hardening resulted from the twin structures, 
together with the increased twin boundaries that lower the stress concentration, can lead 
to better fatigue properties [141]. It is believed that twinning was formed mainly because 
of the low stacking fault energy and high strength [141]. In our study, the strength is not 
very high (maximum strength of ~ 250MPa). Thus, the stacking fault energy was 
probably reduced during the heat treatment.  
TEM was conducted on the fractured sample of the as-Hiped sample failed at a 
stress range of 150 MPa. TEM samples were prepared from the area close to the fracture 
surface.   
As shown in Figure 35, both dislocations and twins were found. In Figure 35(a) and 
(b), dislocations and twins are already present in the untested sample. The dislocations 
and twins were probably generated during the Hip process. Figure 35(c) presents the 
TEM image of the failed sample, the density of dislocation and twinning are clearly 
larger than that in the untested sample, which suggests that dislocations and twining were 
probably two deformation mechanisms for this HEA.  
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5.4 Conclusions 
 This FCC Al0.1CoCrFeNi HEA shows excellent ductility (>70%).  
 The fatigue life decreases with the increase of the stress amplitude. The scatter of 
data suggests that there are defects in the material.  
 The heat treatment in our study has a positive effect on the fatigue behavior of 
this HEA.  
 Dislocation and twining are both deformation mechanisms for this HEA. From 
EBSD results, the annealed twins from heat treatment and deformation twins 
induced by deformation are believed to be major causes for the increased fatigue 
life for this HEA.   
 The material can be a good candidate to be used in low-stress fatigue applications. 
 With the continuous improvement of the manufacture processes, the defects in 
this HEA can be decreased, which will greatly help its future applications. 
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Table 2. Composition of Al0.1CoCrFeNi HEA 
 
Element Composition (At.%) Composition (Wt.%) 
Al 
Co 
Cr 
Fe 
Ni 
2.44 
24.39 
24.39 
24.39 
24.39 
1.18 
25.83 
22.79 
24.47 
25.73 
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Figure 28. (a) Optical microscopy image of the as-received Al0.1CoCrFeNi [145], (b) 
Neutron diffraction pattern for Bank 1, and (c) Neutron-diffraction pattern for Bank 2 
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Figure 29. (a) Engineering stress–strain curves for the as-Hiped and heat-treated 
Al0.1CoCrFeNi alloy, and (b) Fracture surface of the as-Hiped Al0.1CoCrFeNi alloy 
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Figure 30. The S–N curves of the Al0.1CoCrCuFeNi HEA under high-cycle tension-
tension fatigue with an R ratio of 0.1 and test frequency of 10 Hz.  The tests were done in 
air and at room temperature. Note that the arrow indicates that the sample finished 
without failure. 
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Figure 31. The fracture surface of a failed as-Hiped sample (tested at a stress range of 
192 MPa and the fatigue life was 208,735 cycles). (a) overview; (b) crack-initiation site; 
(c) fatigue striations; and (d) fast fracture region 
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Figure 32. The surface that is perpendicular to the fracture surface (a) as-Hiped sample, 
and (b) heat-treated sample  
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Figure 33. EDS map of failed samples (a) as-Hiped, and (b) heat-treated 
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Figure 34. EBSD map of the failed samples (a) as-Hiped, and (b) heat treated 
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Figure 35. TEM image of the as-Hiped sample: (a) dislocations in the untested sample, (b) 
twins in the untested sample, and (c) dislocation and twins in the failed sample (stress 
range of 150 MPa) 
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Chapter 6 Conclusions  
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 In-situ neutron experiments can be performed on pipeline-steel samples, with and 
without hydrogen charging, to detect the influence of hydrogen on the 
deformation behavior of pipeline steels.  
 From the stress-strain curve of both the hydrogen-charged and original X52 
samples, it was found that the yield strength was slightly increased because of the 
presence of hydrogen. Hydrogen atoms might occupy the interstitial sites of the 
BCC structure and impede the movement of dislocation, thus increasing the yield 
strength. 
 The lattice parameters of X52 CT specimens were expanded because of the 
presence of hydrogen. For those points near the crack tip, the lattice parameters 
are similar for both samples (with or without H2) before the loading. This is 
possibly because of the distribution of residual compressive stress around the 
crack tip. 
 The hydrogen-charged sample and the as-received sample respond differently to 
the loading-unloading cycle. The biggest difference happens right ahead of the 
crack tip, which suggests that hydrogen has the highest effect around the crack tip, 
since hydrogen atoms would diffuse to the crack tip and interact with the 
dislocation movement around the tip.  
 Residual tensile strain around the crack tip was found for the hydrogen-charged 
sample, after one loading-unloading cycle.  
 Crack tip plasticity is suppressed because of hydrogen effect. As a result, 
compressive residual strain is not induced behind the crack tip for the X52 
hydrogen charged sample, which leads to a lower crack opening load and higher 
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effective stress in the next cycle. This can be one of the possible reasons for the 
hydrogen assisted fatigue crack growth behavior of pipeline steels. 
 Instead of using hydrogen-charged samples, in-situ neutron experiments in a 
hydrogen cell can be the next step. 
 High energy X-ray diffraction was successfully used to map the residual stress 
field around the crack tip of an X70 pipeline steel weld sample during loading-
unloading. Synchrotron diffraction is proved to be a great tool in investigating the 
lattice strain evolution during loading and unloading.  
 Overload effect was seen for this X70 pipeline steel weld. The effect of overload 
during fatigue loading was investigated by synchrotron-diffraction measurements. 
The residual compressive stress induced by overload is believed to be the major 
cause of the crack-growth retardation. The effect of crack closure behind the 
crack tip is not as important. 
 The resolution of synchrotron proved to be a significant factor in studying the 
crack-tip deformation, especially when the plastic zone is smaller than 1 mm. The 
0.5 x 0.5 mm beam did not catch the accurate information around the crack tip 
due to the limitation of resolution. The 0.1 x 0.1 mm beam size is a key factor in 
the success of this study. 
 This FCC Al0.1CoCrFeNi HEA shows excellent ductility (>70%).  
 The fatigue life decreases with the increase of the stress amplitude. The scatter of 
data suggests that there are defects in the material.  
 The heat treatment in our study has a positive effect on the fatigue behavior of 
this HEA.  
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 Dislocation and twining are both deformation mechanisms for this HEA. From 
EBSD results, the annealed twins from heat treatment and deformation twins 
induced by deformation are believed to be major causes for the increased fatigue 
life for this HEA.   
 The material can be a good candidate to be used in low-stress fatigue applications. 
 With the continuous improvement of the manufacture processes, the defects in 
this HEA can be decreased, which will greatly help its future applications. 
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